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The damping response of crystalline metals and alloys is generally associated with the
presence of defects in the crystal lattice. The disturbance of these defects, usually in response
to an applied cyclic load, dissipates energy, a mechanism known as “internal friction”. The
various defects commonly found in crystalline materials include point defects (e.g. vacancies),
line defects (e.g. dislocations), surface defects (e.g. grain boundaries) and volume defects
(e.g. inclusions). Among these, dislocations are noteworthy because they play a critical role,
not only in the damping response of crystalline materials, but also in the overall mechanical
behaviour of the materials. Among the various structural materials actively being developed,
metal matrix composites (MMCs) have received considerable attention as a result of their
potential to combine reinforcement properties of strength and environmental resistance, with
matrix properties of ductility and toughness. Of interest is the generally observed phenomenon
that MMCs exhibit unusually high concentrations of dislocations, an observation typically
attributed to the difference in coefficient of thermal expansion between matrix and
reinforcement. The objectives of the present paper are to provide an overview of the sources
of dislocation generation in MMCs, and to provide insight into the effects that dislocations
have on the damping response of MMCs. The presence of dislocations in MMCs is
highlighted on the basis of transmission electron microscopy studies, and the dislocation
damping mechanisms are discussed in light of the Granato-Liicke theory.

1. Introduction

Metal matrix composites (MMCs) are a unique class
of materials consisting of a reinforcing phase embed-
ded in an alloy or metal matrix. The reinforcements
are typically ceramic materials (although metals may
also be used), such as Al,O,, B,C, SiC, A,N,, and
graphite, and they may be present in the form of
continuous and discontinuous fibres, flakes, or partic-
ulates. The incorporation of a ceramic phase into a
metal matrix leads to a series of advantages and
disadvantages [1-8]. The advantages include: im-
proved creep and fatigue behaviour, wear resistance,
and a reduced coefficient of thermal expansion (CTE).
The disadvantages include: reduced ductility, less than
optimum fracture toughness, decreased specific heat
capacity and poor machinability.

The processing techniques used to fabricate MMCs
may be loosely classified into three categories [3, 4],
depending on the thermal history of the matrix, as
liquid, solid, and semi-solid processes. Liquid-phase
processes, for example casting, typically involve the
addition of reinforcements to fully molten matrix;
these processes have reached an advanced stage of
development, and are actively used in a series of
applications [9-12]. In solid-phase processing, the
temperature of the matrix during processing rarely
exceeds the solidus temperature. This approach
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involves blending a matrix, in particulate form (e.g.
powders) with a reinforcing phase, under elevated
temperatures and pressures [13~15]. Semi-solid pro-
cesses are perhaps at their infancy in terms of develop-
ment, and involve mixing the reinforcing phases under
thermodynamic conditions such that the matrix con-
tains both solid and liquid; these include rheocasting
[16-18] and spray atomization and deposition pro-
cesses [19-217.

An important microstructural characteristic fre-
quently reported for MMCs, processed by a variety of
techniques, is the presence of a well-defined disloca-
tion network in the vicinity of the reinforcement/
matrix interface [22-27]. The origin of these disloc-
ations [23-261 is generally attributed to the difference
in the CTE of the metal matrix (CTEs for commonly
used metals in MMCs typically range from 20-30
x1079°C~1; see TableI) and that of the ceramic
reinforcements  (typically 1-10x107%°C~ 1  see
Table I). As the temperature of MMC decreases from
near the melting point of the matrix during processing,
the large difference in CTEs between reinforcement
and matrix leads to the development of high stresses in
the matrix region surrounding the ceramic phase.
These high residual stresses are partially relieved dur-
ing cooling by the generation of prismatic disloc-.
ations. Experimental support to this mechanism has
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TABLE T Thermomechanical behaviour of typical matrices and reinforcements [43, 64, 71-74]

Materials 5,, (MPa) E (GPa) CTE (107¢°C1) 071 (1073)
Al 10-35 70 236 0.05-2.5
6061-0 Al 55 70 234 1.0-2.0
6061-T6 Al 275 70 234 2.5-5
Mg 27-69 45 270 14-60
AZ31 Mg 131 45 260 0.04-10
ALO, 276 360 7.2-86 0.01-1.0
BN 860 900 48-58 28-40
B.C 300 450 50 -
Graphite (C) 1860 690 — 14-270 10-15
SiC 500 440 43-56 1.1-2.5

been established on the basis of results from neutron
diffraction studies [28, 29], and from differences in
tensile and compressive mechanical properties [30].
Furthermore, the presence of a high dislocation dens-
ity in the vicinity of the reinforcement/matrix interface
has been experimentally observed using etch pit and
slip line techniques [31-33], high-resolution transmis-
sion optical microscopy [27, 34-37], as well as trans-
mission electron microscopy (TEM) [22-26, 38—42].
The results of these studies revealed a variety of
dislocation configurations surrounding the reinfor-
cing phase, including long dislocations along fibres
[39], dislocations emitted at whisker ends and corners
[40, 42] as well as various loops and tangles [22, 38].
The implications of these dislocations in the mechan-
ical behaviour of MMCs have been studied extensively
and are now known to be responsible for damping
[43-52], strengthening [53-55], accelerated ageing
[56, 571, and improved creep behaviour [58].

While a large body of research work has been
concentrated on the strengthening effects of disloca-
tions in MMCs [53-55, 59-63], the effect of disloca-
tions generated due to the thermal strain mismatch on
the damping of MMCs have not received much atten-
tion. Material damping is a mechanism of energy
dissipation allowing unwanted vibration in structures
to be reduced without the use of external dampers.
The damping in crystalline materials can be attributed
to several mechanisms such as thermoelastic damping,
magnetic damping, viscous damping and defect damp-
ing [43-47]. The first three types of damping mech-
anisms result from the bulk response of a material and
are classified as extrinsic sources. Defect damping, an
intrinsic source, stems from the internal friction resis-
ting atomic movement in the regions of microstruc-
tural defects in crystalline metals and alloys. To some
extent these imperfections alter the otherwise perfect
symmetry and uniformity of the metallic crystal struc-
ture. Tt is these discontinuities that govern the micro-
structural deformation behaviour of a material under
applied load, and therefore dominate the macrome-
chanical behaviour of the material in service. Of the
aforementioned defects, dislocations are particularly
noteworthy because they play a critical role in the
damping response of crystalline materials [45-497].

The objectives of the present paper are to
(a) discuss the recent findings related to the sources of
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dislocation generation in MMCs, and (b} provide in-
sight into the effects of dislocations on the damping
response of MMCs. First, the mechanisms of disloca-
tion generation in MMCs due to thermal mismatch
are discussed using the experimental results from in
situ transmission electron microscopy (TEM) observa-
tions by Vogelsang et al. [22], Arsenault and Shi [23],
and from transmission optical microscopy by Dunand
and Mortensen [27, 34-37]. Second, the damping
mechanisms in crystalline materials such as metals,
alloys and ceramics are succinctly summarized. Defect
damping mechanisms in MMCs, and the relationship
between dislocations and damping behaviour, are sys-
tematically discussed on the basis of the Granato-
Liicke dislocation damping theory [47—49]. Finally, a
number of examples derived from the results of
Wolfenden and Wolla [50, 51], Hartman et al. [52],
Rawal et al. [64] and Umekawa et al. [65] are dis-
cussed to highlight dislocation damping in MMCs,

2. Generation of dislocations in MMCs
by thermal mismatch
2.1. Thermal mismatch strains
The thermal mismatch effect results from the deforma-
tion constraints that are present between constituents
with different CTEs. As early as the 1950s, Hedges and
Mitchell [66] noted that dislocations could be gener-
ated from the interface of a misfitting particle and a
ductile matrix. Weatherly [67] found that in a
Si0,/Cu alloy, multiple dislocation tangles were pre-
sent around SiO, and attributed this phenomenon to
the difference in CTEs between Cu and SiO,. Chawla
and Metzger [31, 327, using an etch-pitting technique,
observed that in Cu—W alloy the dislocation density
was much higher at the Cu/W interface than in the
bulk matrix. Similar results have also been reported
by other investigators [68—70].

In MMCs, the CTE values of metal matrices are
approximately 25x 107°°C~! and those for ceramic
reinforcements are approximately S5x1076°C~!
(Table I). The CTE values shown in the table indicate
that the differences in CTEs between the metal matri-
ces and ceramic reinforcements fall into a range 10-20
x 107 ¢°C ™1 Tt is expected that such a large difference
in CTEs between matrices and reinforcements could
generate a high density of dislocations during solidi-
fication of the MMCs. The residual strain, or strain



accumulation, produced as a result of the thermal
mismatch, may be calculated from [1]

e = AuAT (N

where AT is the temperature change during solidi-
fication of MMCs and Ax is the difference between the
CTEs of reinforcement and matrix. Because of the
thermal mismatch strains, the matrix in the region
adjacent to ceramic reinforcements experiences a re-
sidual stress concentration [23]. If the thermal strain
is high enough, the matrix yields, and the ensuing
plastic flow leads to the formation of a dislocation
network in the matrix adjacent to reinforcement/
matrix interface as a result of partial release of the
residual stress. In an SiC whisker-reinforced 6061 Al
MMC, for example, the whisker and matrix are gen-
erally processed at 700 °C and then allowed to cool to
room temperature. The temperature difference, AT,
during the cooling is approximately 675 °C. By substi-
tuting the AT and CTE values for SiC and 6061 Al
alloy (Table I) into Equation 1, it is found that the
thermal mismatch strain at the SiC/Al interface is
approximately equal to 1.24%. The estimated stress in
the 6061 Al matrix under this strain is approximately
870 MPa, which is much higher than the vyield
strength of 6061 Al alloy, 270 MPa (Table I). Hence,
plastic deformation of the matrix will take place.

2.2. Generation and observation of
dislocations

The presence of an elevated concentration of disloca-
tions in the matrix region adjacent to the reinforce-
ment/matrix interface in MMCs has been documented
by a number of investigators using etch pits, slip lines,
as well as in situ TEM experiments. All these experi-
mental techniques, particularly TEM technique, have
revealed a variety of dislocation configurations sur-
rounding the reinforcing phase, including long disloc-
ations along fibres, dislocations emitted at whisker
ends and corners as well as various loops and tangles.
In in situ TEM observations, the sample is examined
on a thermal stage that can heat and cool the TEM
sample. Hence, the microstructural changes during
cooling in the in situ studies simulate those during
MMC processing.

Vogelsang et al. [22] investigated dislocation gen-
eration in the matrix region adjacent to the Al/SiC
interface on cooling an SiC whisker-reinforced
6061 Al alloy MMC with a whisker volume fraction of
20% under thermal cycling by using in situ TEM.
Fig. 1 shows dislocation generation in the region adja-
cent to SiC whiskers that are perpendicular to the
TEM foil surface at different temperatures during a
heating and cooling cycle. As is evident from the
figure, dense dislocation networks were present in the
matrix near an SiC whisker at low temperatures. As the
MMC sample was heated, dislocations appeared to
undergo both straightening and rearrangement, cven-
tually decreasing in density. As the MMC was cooled
from the maximum temperature (530 °C), the disloc-
ation density, continuously increased, until it attained

the original level at approximately 100 °C (i.e. the level
present at room temperature prior to the experi-
ments). Fig. 2 shows dislocation generation in the
region adjacent to SiC whiskers that are parallel to the
TEM foil surface at different temperatures during a
thermal cycle. The same dislocation changes as in
Fig. 1 were observed. The density of dislocations pre-
sent in the MMCs at room temperature was estimated
to be 10'* m~2 and was attributed to the difference in
CTEs between metal matrix and ceramic reinforce-
ment during cooling [22]. These observations are
consistent with the results anticipated from Equation
1, which suggests that as AT decreases, the residual
strain also decreases with a concomitant reduction in
the dislocation density. It was thought that the disloc-
ations were produced by differential thermal contrac-
tion of aluminium and SiC on cooling from the eleva-
ted temperatures of annealing.

Arsenault and Shi [23] recorded a series of TEM
images of a platelet SiC/6061 Al MMC and calculated
the density of dislocations, p, from the following equa-
tion

2n

p=T @
where # is the number of dislocations intersecting the
grid lines, L the length of the grid lines divided by the
magnification, and ¢ the thickness of the TEM foil
sample. The observed value, 10'* m ™2, of the disloca-
tions in the MMC by TEM agreed well with the value
of 10'* m~ 2 calculated from [22, 75]

€

P = 4 G)

where &, is the plastic strain (1% was used), L, the
average distance moved by the generated dislocations
(2 um was used) and b the Burgers vector of the
6061 Al matrix (b = 0.3 nm was used).

Arsenault and Shi [23] also noted that these results
were consistent with those anticipated from a theoret-
ical model involving the prismatic punching of disloc-
ations at a ceramic particle as determined by

_ BeV;
P = b = 7y )

where ¢ is the thermal mismatch strain given by
Equation 1, ¥, is the volume fraction of the ceramic
reinforcement, b the Burgers vector, ¢ the smallest
dimension of the reinforcement and B the geometric
constant (between 4 for particulates with one dimen-
sion very small compared with the other two, and 12
for equiaxed particulates). Generally, V; ranges from
5%—50%, t falls in the micrometre range (1-15 pm),
b is 03nm, and & is around 1%. Substituting
these values into Equation 4, p is estimated to be
1013-10'* m~2, which is consistent with TEM results.
However, the dislocation prismatic punching model
fails when V;is equal to zero, because Equation 4 gives
zero dislocation density for unreinforced metals and
alloys, which is not the case in metals and alloys.

As a comparison, Fig. 3 shows a micrograph of an
unreinforced 6061 Al control sample illustrating low
dislocation density as well as large grain size [22].
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Fig. 3a shows few dislocations in the control sample
that were thought to be associated with second phases

(precipitate). Fig.3b shows a large precipitate
surrounded by dislocations at the beginning of the
thermal cycle (70°C). Fig. 3¢ demonstrates that as
temperature was increased to the annealing temper-
ature in the TEM (500 °C), the dislocations gradually
disappeared until only a few remained. During in situ
cooling of the control sample, dislocations reformed in
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Figure 1 Dislocation generation in the matrix region adjacent to
SiC whisker at different temperatures during the thermal heating
and cooling cycle [22]. (a) 100°C, heating; (b) 300°C, heating;
(c) 530°C, maximum; (d) 300°C, cooling, (e} 90°C, cooling.

the vicinity of the precipitate whereas most of the
matrix remained free of dislocations.

Dunand and Mortensen [27, 34-37] used a glass
particle/silver chloride (glass/AgCl) transparent com-
posite’ as an analogous MMC to observe CTE mis-
match generated dislocations using the decoration
technique and high-resolution transmission optical
microscopy. The glass/AgCl behaves similarly to
MMCs and exhibits dislocation mechanisms which
are, in most cases, similar to those found in metals.
The use of the glass/AgCl model material avoids the
shortcomings associated with TEM observations in
metals containing reinforcements of large size. The
stress-relief process due to the thermal mismatch in-
volved the generation of rows of prismatic loops or
tangles of dislocations, forming a well-defined sur-
rounding plastic zone. According to Dunand and
Mortensen [35], the size of the plastic zone is given by

cE 173
“ = rs<(1—v)0ys>

around a spheroidal particle (5)
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Ce = rc<(5—4v)0ys>

around a cylindrical particle (6)

where ¢ is the thermal mismatch strain by Equation 1,
r, and r, the spheroidal and cylindrical particle radii,
E, v, and o are Young’s modulus, Poisson’s ratio and
yield strength of the matrix. The dislocation density in
the bulk matrix was estimated from

B 6./2¢
P T b -

s S

2\/28

b(Cg - r?)/rc

for a spheroidal particle (7)

p. = for a cylindrical particle (8)
where b is the Burgers vector. By simulating the plastic
zones in the AgCl matrix and metal matrix and com-
paring thermomechanical properties of constituents of
the glass/AgCl model material and MMCs, it was
found that the dislocation density in a 99.5% pure
aluminium containing 1.5 um SiC particles was
around 1012-10'3 m ™2, which is consistent with other
observations [22, 52].

Dislocations generated due to thermal mismatch
strain in MMCs have also been investigated by other
investigators [24, 25, 38-42]. In summary, the results
cited in this section demonstrate, first, that the high
density of dislocations that is reportedly present in
most MMCs may be rationalized on the basis of the
difference in CTEs between metal matrix and ceramic
reinforcement, and second, that these dislocations are
generated by a prismatic punching mechanism during
cooling from elevated processing temperatures.

3. Characterization of damping capacity
of materials

Material damping is related to time-dependent elas-
ticity. Elasticity theory of crystalline metallic materials
dictates that the relationship between an applied load
and the resultant deformation obeys Hooke’s Law, i.e.
the resultant strain is proportional to the applied
stress. Hooke’s law, however, does not account for the
time effect, that is, the applied load and the resultant
deformation are assumed to be perfectly in phase, a
condition only valid when the loading rate is so low
that the deformation process may be considered to be
an instantaneous, and therefore a static one. In prac-
tice, metals and alloys respond to an applied load not
only by an instantaneous elastic strain that is time-
independent, but also by a lag strain behind the
applied load, which is time dependent [44]. Therefore,
the overall strain, &, consists of two parts; one part, g,
is the elastic strain, and the other, g,, the anelastic
strain, i.e.

e = 5+, 9)

g, = [l — exp(— Y] for loading (10)

€, = gexp(—1) for unloading (11)

where ¢; is the initial strain, ¢ is the time and 7 is the
characteristic relaxation constant which characterizes
the magnitude of internal friction or damping of a

Figure 2 Dislocation generation in the matrix region adjacent to
SiC whisker, TEM foil sectioned parallel to the SiC whisker [22].
(a) 70°C, heating; (b) 540 °C, maximum; (c¢) 130°C, cooling.

material. Because of the lag induced by the relaxation,
the stress versus strain curve forms a hysteresis loop
when the material is under cyclic loading. The area
enclosed by the hysteresis loop represents the energy
dissipated inside the material during one cycle. Such
dynamic hysteresis at low stress levels is defined as
anelasticity or damping. There are several quantities
which can be used to characterize internal friction or
damping capacity. Usually, specific damping capacity
(SDC), \, the ratio of the dissipated energy to the
maximum stored energy of one complete cycle, is used

“to characterize damping capacity [43]

AW
V=S (12



Figure 3 Micrograph of a 6061 Al control sample illustrating (a) the low dislocation density and the large grain size, (b) dislocation around a
precipitate at 70 °C, heating, (c) disappearance at 510 °C, maximum and (d) reappearance of dislocation at 100 °C after cooling [22].

where
AW = {ode (13)
wt = n/2
W = J ode (14)
ot =0

where o and ¢ are the cyclic stress and strain, respect-
ively, and they are expressed by {50]

o = 0Gexpliot) (15)
e = goexpli(wt — ¢)] (16)

where o, and g, are the stress and strain amplitude,
respectively, @ = 2nf is the circular frequency and f'the
vibration frequency, and ¢ is the loss angle by which
the strain lags behind the stress (Fig. 4b). In an ideally
elastic material, ¢ = 0 and o/e = E, the elastic modu-
lus in Hooke’s law. However, most materials are
anelastic, so ¢ is not zero and the ratio is complex. The
resultant complex modulus is defined as
e}

E = —
€

@(coscb + isin¢)

€o

— E' +iE" (17)
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where

Eo= Zcosd (18)

€o

is the storage modulus, and

E" = ﬁsind) (19)

€0

is the loss modulus. The ratio of the two moduli gives

B E//
n = £

= tand (20)

where n is the loss factor and tan ¢ the loss tangent.
The loss tangent is related to the relaxation time, t, by
[44]

coT

tang = ———
¢ 1 + w?t?

21
where ¢ 1s the physical constant. Therefore, tan¢ is a
measure of the energy dissipated in a material during
cyclic loading.

Logarithmic decrement is another damping quant-.
ity and is derived from amplitude decay of a specimen



(a)

(b)

Figure 4 Stress-strain hysteresis and phase lag of anelastic materials. (a) Stress—strain hysteresis, {b) cyclic stress and strain.

under free vibration. An anelastic material in vibra-
tion can be analogized by the one-dimensional vibra-
tion response of a linear mechanical system with a
spring (restoring force), a mass point and a dashpot
resistance (damping). Logarithmic decrement, 8, is

given by [46]
1 A;
& = -1 : 22
n n<Ai+n> ( )

where A; and A, , are the amplitudes of the ith cycle
and the (i + njth cycle, at times ¢, and t,, respectively,
separated by n periods of oscillation.

In addition to SDC, loss factor, loss tangent, and
logarithmic decrement, the inverse quality factor, 0,
is also widely used to characterize material damping
through [44]

-1 f2 _fl

Q 7 (23)
where f| and f, refer to half-power bandwidth frequen-
cies and f, the resonant frequency in the spectrum of
square amplitude versus fréquency for a specimen
under forced vibration. The broadness of the resonant
peak characterizes the magnitude of material damp-
ing. In materials exhibiting low damping levels (e.g.
tan ¢ < 0.1), such as metals and alloys, all of the
aforementioned damping quantities, , 3, tan ¢, ¢, and
Q™! are related by [76]

Yy o= 28
= 2ntan¢
= 2nd
2nQ"! (24)

Among the various damping mechanisms, internal
friction of defects makes a large contribution to the
overall damping in crystalline materials. In a perfect
single crystal under an applied stress (the stress level
being well below the yield stress), every unit cell of the
crystal deforms uniformly and can return to its origin-
al shape by interatomic bonding elasticity upon re-
moval of the applied load. In an imperfect single
crystal, however, each defect causes distortion of the

crystal symmetry and therefore induces an accom-
panying stress concentration. Although the magnitude
of the bulk applied stress is small, the local stress
concentration may be sufficient to cause atomic re-
arrangement in such regions of pre-existing stress. The
atoms during rearrangement can experience peri-
pheral atomic displacements, which are essentially
viscous in nature and occur in response to the applied
load. The atoms in the distorted region are capable of
sliding over one another in a fashion similar to poly-
mer chains in a long-chain polymer. At high temper-
atures this sliding can be extensive and lead to a
viscoelastic strain. At ambient temperatures, the rela-
tive atomic displacements are typically fractions of an
atomic diameter. The displaced atoms may introduce
internal stress relaxation and the displacements can be
recovered upon load removal. This deformation
mechanism leads to mechanical hysteresis.

In crystalline metals and alloys, defects are gen-
erally considered to be the primary sources for the
dissipation of elastic strain energy [45-49]. Material
damping manifests itself as a phase lag between an
applied stress and the resulting deformation. Such a
phase lag results from deformation characteristics of
materials as a function of time (i.e. relaxation [46]).
There are two time factors attributed to the phase lag;
one is the rearrangement of atoms in a local region and
the other is the deformation propagation. It is known
that, macrostructurally, the attenuation and propaga-
tion of a mechanical wave are related to the uniformity
of the medium in which the wave propagates. Similarly,
the relaxation time of deformation in crystalline mater-
ials containing defects would be longer than in perfect
crystalline materials. Therefore, it follows that the char-
acteristic relaxation time during deformation is longer
in crystalline metals containing defects than in those
without defects. The presence of defects in a crystalline
material breaks up the uniformity of the medium and
makes it difficult for deformation to be precisely in
phase with the applied load.

The damping capacity, as defined by the inverse
quality factor, @71, of various metal matrices and
ceramic reinforcements commonly used in fabrication
of MMCs are summarized in Table I. Inspection of the
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data shown in the table reveals that the intrinsic
damping capacity for aluminium and Al,Oj; is basic-
ally small. However, Al,O;/Al MMC exhibits a
higher damping than either of its constituents [77].
The increase in the resultant damping of the MMC is
thought to be due to the thermal strain mismatch
effect. A comprehensive listing of damping data for
metals, alloys, ceramics, and MMCs, has recently been
completed by Zhang et al. [72] and the interested
reader is encouraged to review the literature.

4. Relationship between damping
capacity and dislocations
The dissipation of elastic strain energy (e.g. damping)

occurs by means of one, or a combination of the.

following mechanisms: defect damping, thermoelastic
damping, magnetic damping, and viscous damping
[43-49]. In crystalline metals and alloys, defects are
generally considered to be the primary sources for
dissipation of elastic strain energy; these include point
defects, dislocations, grain boundaries and interfaces
in general [45, 46]. As discussed in the previous
section, material damping manifests itself as a phase
lag between an applied stress and the ensuing de-
formation. Because such a phase lag depends on the
deformation characteristics as a function of time,
damping is similar to attenuation of wave propaga-
tion, in which the attenuation and propagation of a
mechanical wave are both related to the extent of
uniformity of the medium of interest. Therefore, it
follows that the characteristic relaxation time during
deformation is longer in crystalline materials contain-
ing defects than in those that do not contain any
defects. The presence of defects in a crystal breaks up
the uniformity of the medium, and makes it difficult
for deformation to be precisely in phase with an
applied load.

Low stress field

(a) {b) (c) (d)

Increasing stress

Figure 5 Granato-Liicke vibration string model [47].
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The presence of dislocations in a crystalline lattice
may influence damping by two mechanisms [50].
First, the relative movements of the atoms are more
easily initiated in the dislocation regions than in the
dislocation-free regions. The movements of the atoms
in defect material, on the other hand, are resisted by
internal friction from neighbouring lattice, and there-
fore, lead to extra sources of energy dissipation. Sec-
ond, the presence of dislocations interferes with the
homogeneous propagation of deformation, thereby
increasing the phase lag between applied load and
deformation. The first mechanism is operative as the
movement of dislocations is generally impeded by the
presence of point defects, precipitates, and other out-
of-plane dislocations. Although early studies on the
internal friction effects in cold-worked lead, copper,
silver and aluminium [78-80] had recognized the
important role that dislocations played in the dissipa-
tion of elastic strain energy, it was not until 1956 that a
formal theory was proposed by Granato and Liicke
[47]. This theory was developed by Granato and
Liicke on the basis of Koehler’'s analogy model [80],
and therefore became known as the Koehler—
Granato—Liicke (KGL) theory, or more commonly as
the Granato-Liicke (GL) theory [47-49, 81-83].

In the GL dislocation model, the dislocation line is
likened to an elastically vibrating string fixed at the
pinning points in the crystal lattice, as schematically
illustrated in Fig. 5. Under the applied cyclic loading,
the dislocation line extends out from the fixed points
produced by pinning impurity atoms, precipitates or
antiplane dislocations. As the applied stress amplitude
is increased, the pinned dislocation may bow out at
some weak pinning points and thereafter the further
motion of the dislocation line undergoes a higher
vibration amplitude. The motion of the dislocation
depends on the local stress field adjacent to the dis-
location. For low-frequency ranges (kHz), the loss

High stress field

{e) {f) ()
—



factor, Q7%, is given by

0l = Q. + 0! (25)
where
P G
Qal = Clgexp< 80> (26)
and
Ol = Cipf?/h? 27)

where C,, C, and C; are physical constants, p and b
are dislocation density and Burgers vector, respect-
ively; g, and f are vibration strain amplitude and
frequency, respectively. Q7 * is called the frequency-
dependent part and Q' the amplitude-dependent
part. From these equations, it is evident that disloca-
tion damping is proportional to dislocation density
and the square of Burgers vector. Both p and b can be
determined using transmission electron microscopy
and other microstructural characterization tech-
niques, whereas C,, C,, C, and g, depend on the
specific experimental parameters and the specimen
physical constants [47, 48]. C,, C, and C; are given
by the following definitions

where o and o, are angular frequency and resonant
frequency; Ly is the dislocation network length that
depends on the interfibre or interparticle spacing in
the cases of MMCs, L, the minor pinning length that
is 0.02-2 pm suggested for MMCs by Wolfenden et al.
[84], and L, the effective loop length equal to 3.3 L;
P 18 the matrix material mass density; ¢’ is Cottrell’s
misfit parameter that is equal to the fractional differ-
ence in the size of the solute and solvent atoms and
was suggested to be 10~ 2 by Granato and Liicke [47];
a is the lattice parameter; E, G and v are Young’s and
shear moduli and Poisson’s ratio of the matrix, re-
spectively; p is the constant between 2 and 3; R is the
resolved shear stress factor by Schmid’s principle; B is
a constant of 5x 107°-5x 1073 [47].

One of the characteristics of dislocation damping is
its strain-amplitude dependency. This dependency has
been demonstrated in several MMC systems [51, 52,
64, 65, 84]. Fig. 6 shows the amplitude dependence of
material damping of SiC_/6061 Al MMC with a vol-
ume fraction of 5% [52]. The shape of the curve
obtained when internal friction is plotted versus strain
amplitude, as shown in Fig. 6, is one of the character-
istics of dislocation-induced damping. This type of
plotting can be used to judge whether or not disloca-
tion damping is present in a material. It is noted that

C. = OALIKp & (28) at low strain amplitudes, MMC damping mainly res-
! dnw, L2 ults from the frequency-dependent part, Q; !, and
Ke'a beyond a critical strain amplitude, the strain ampli-
c, = (29)  tude-dependent part, O, ', becomes dominant. The
L. occurrence of the critical strain amplitude is corres-
n*BALL? pondent to the break-away of pinned dislocation line
= G (30)  (Fig. 5d) [47]. From Equations 25 to 27, it follows that
one possible way to increase the damping capacity of a
K = 326 31) material is to increase the density of dislocations
n’p’RE present. It then follows that MMCs should exhibit a
41 ) relatively high damping capacity, as a result of the
Ay = (32)  high density of dislocations present in these MMCs.
0 sz
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Figure 6 Damping dependence of 6061 Al/SiC, on strain amplitude and frequency [52].
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Umekawa et al. [ 65] investigated the changes in the
damping dependency in SiC whisker-reinforced Al
MMCs as the volume fraction of the SiC whiskers was
varied. It was found that as the volume fraction was
increased from 0%, 12%, 15% and 22% the critical
strain amplitude shifted from 0.3 x 1073 to 1.0x 1072
and at the same time the strain amplitude-dependent
damping was suppressed in MMCs containing a high
volume fraction of SiC whiskers. Unfortunately, in
Umekawa’s studies, no dislocation density data were
reported.

Rawal et al. [64] investigated the damping behavi-
our of unidirectional P55 carbon fibre-reinforced 6061
Al MMCs. The GL theoretical analysis of their results
yielded mobile dislocation densities of 10'* m ™2 that

corresponded with the measured average dislocation

density of 10'*m™~? in the interfibre matrix region
determined by TEM images [22]. It was concluded
that dislocation damping was the dominant mech-
anism in the strain-amplitude dependent region.

The Granato—Liicke theory can also be used to
determine dislocation density by measuring damping
capacity at different strain amplitudes. Taking the
natural logarithm of both sides of Equation 26 gives

In(Q; teg) = I(Cipb) — 2 (33)
0

Theoretically, a curve of In(Q, g,) versus g, * defined
by Equation 33 should be a straight line (Fig. 7). The
dislocation density, p, can be readily determined from
the intercept of the curve. Table II tabulates the
dislocation density results of several particulate-
reinforced aluminium alloy MMCs obtained by this
methodology [52]. From the results shown in the
table, as the SiC volume fraction increases, the disloca-
tion density exhibits a slight change. It may be inferred
from the observation that the damping capacity of
SiC/Al MMCs may not increase with increasing vol-
ume fraction of reinforcement, beyond a certain crit-
ical value. Furthermore, from Hartman et al. [52],
although the Granato—Liicke theory gave a reason-
able prediction of dislocation densities for MMCs, it
overestimated dislocation density of unreinforced alu-
minium alloy [56, 57, 85].

5. Conclusion

The high density of dislocations that is generated
during MMC processing as a result of the thermal
mismatch between matrix and reinforcement has an
important effect on the dissipation of elastic strain
energy. The relationship between dislocations and
material damping may be quantitatively characterized
by the Granato-Liicke theory. From the work re-
viewed in the present paper, it may be noted that the
Granato—Liicke theory is a possible way for predic-
ting damping capacity of a material in which disloca-
tion damping is dominant, checking whether the
dislocation damping mechanism is dominant, as well
as estimating dislocation density. The verification of
the dislocation damping mechanism may be accomp-
lished by changing strain amplitude or changing
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Figure 7 Curve fitting of damping capacity versus strain amplitude
[52].

TABLE II Dislocation density of Al/SiC, MMCs by damping
measurement [52]

Matrix V; of SiC, Dislocation density (103 m~?)
(%)
6061 Al 0 3
6061 Al S 70
6061 Al 20 80
1100 Al 0 5
1100 Al 5 5
2124 Al 15 30

dislocation density (for example, heating the MMC
sample to reduce dislocation density due to thermal
mismatch) or by checking the linearity of experimental
data. However, careful attention must be paid in
applying this theory because the quantitative analysis
involves a number of materials constants requiring
tedious microstructure studies.
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